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onto the vacuumplasma-sprayed NiCoCrAlY bond coat were investigated by nanoindentationmicro-pillar splitting.
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favoured by a simultaneous loss in YSZ strength, testified by a decrease in the nanomechanical properties (hard-
ness, elastic modulus) of both high- and low-porosity top coats. This is due to microstructural changes occurring
because of the continuous interplay between sintering and thermal shock cracking in the YSZ layers.).
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Thermal barrier coatings (TBCs) are an important element of mod-
ern gas turbines, as they provide thermal insulation and oxidation/hot
corrosion protection to hot-section components (e.g. blades, vanes,
combustion liners and transition ducts) [1–4]. They usually consist of
an oxidation resistant, metallic bond coat, such as an MCrAlY (M= Ni
and/or Co) overlay or a Pt-Al diffusion layer, and a thermally insulating,
porous ceramic top coat, normally obtained by electron-beam physical
vapour deposition (EB-PVD) in aero-engine applications or by atmo-
spheric plasma spraying for land-based gas turbines [1–4]. In either
case, the material of choice for the top coat has long been and, in
many cases, still is ZrO2 stabilized with 7–8 wt% Y2O3 (yttria-partially
stabilized zirconia – YSZ) [5]. Apart from having a rather high thermal
expansion coefficient [2] of≈10–11 × 10−6 °C−1 [1,4], better matched
to that of Ni-based superalloy substrates in comparison to many other
refractory oxides, it is also relatively stable under thermal cycling condi-
tions. When manufactured through a rapid cooling process, YSZ indeed
develops a non-transformable tetragonal phase (denoted as t′) [6]. Due
to its peculiar ferroelastic behaviour, this phase exhibits particularly
high toughness: its energy release rate Γ= 45 ± 5 J/m2 is, for instance,
much higher than that of a cubic ZrO2–20 wt% Y2O3 compound (Γ= 6
± 2 J/m2) [7]. Although the t′-phase is thermodynamically metastable,
its transformation kinetics back to the equilibrium mix of cubic (c)
and tetragonal (t) structures is very slowunder isothermal or cyclic con-
ditions at temperatures up to at least 1200 °C [6], allowing for a long ser-
vice lifetime.
Since ever-increasing combustion temperatures are desirable to en-
hance the thermodynamic efficiency of gas turbines, the functional im-
portance of thermal barrier coatings has been growing. They start
becoming prime-reliant constituents [8,9], i.e. they are an integral part
of the component design and are needed in order to ensure its proper
functionality (at least, its reparability after the designed service time
[9]). The main hindrance against achieving the statistical reliability re-
quired for prime reliance [9] is the tendency of the ceramic top layer
to suffer damage through various mechanisms, e.g. cracking and spall-
ation during thermal cycling, erosion by foreign particles' impingement,
hot corrosion by molten salts or chemical attack by molten silicate de-
posits, etc. [2,10,11].
Cracking and spallation during thermal cycling is a particularly crit-
ical phenomenon [4], which has multiple potential causes:
(1) Porous YSZ becomes stiffer and less compliant because of
sintering at a high temperature; therefore, thermal shock during
cooling can cause transverse cracking across the layer [11–13];
(2) The t′ phase is progressively de-stabilized at high temperature,
through a rather complex transformation process, investigated
in great detail in the literature. At first, amodulated texture of co-
herent yttria-rich and yttria-lean domains is formed within the
original t′ grains [14,15]. This structure still appears as a single t
′ phase (pseudo-t′ [14]) in a conventional XRDpattern, due to co-
herency strains between the two domains. For longer exposure
times at high temperatures, the coherent structure unravels: if
the original t′ grain is large, the domains coarsen progressively
and lose coherence; if the grain is fine, a yttria-rich phase nucle-
ates and grows along the boundary, and can also drain yttria out
of adjacent grains [6,15,16]. In either case, the result is the forma-
tion of a yttria-rich c phase (which turns into a yttria-rich t″ te-
tragonal phase when cooled at low temperature) and a yttria-
poor t phase [6,15,16]. When the grain size of the latter is suffi-
ciently coarse, it readily transforms into monoclinic (m) phase
during cooling. The ≈4% volume change associated with this
transformation induces undesirable stresses in the system [2,9];
(3) Thermal expansion mismatch stresses arise in the interface re-
gion between the bond coat and top coat. The alumina-based
thermally grown oxide (TGO) scale developed on the bond coatsignificantly worsens this situation, due to its stiffness and its
lower thermal expansion coefficient compared to the YSZ top
coat. Large stresses, therefore, result in the formation and propa-
gation of delamination cracks, proceeding through different
mechanisms for EB-PVD YSZ layers deposited onto a smooth sur-
face and for plasma-sprayed YSZ deposited onto a rough bond
coat surface [4,11,17].
Focussing on plasma-sprayed YSZ layers [4,18,19], cracks can
(i) develop on top of the roughness crests (at the TGO/YSZ or TGO/
bond coat interface, or within the TGO) and then propagate into the
YSZ top coat, usually at off-peak locations where maximum tensile nor-
mal stresses are found [20,21]; (ii) develop directly into the YSZ top
coat, at the off-peak position between roughness asperities, and propa-
gate towards the TGO; (iii) propagate in the top coat through opening of
pre-existingmicrocracks above the interface [4,18]. Crack growth is par-
ticularly accelerated once the TGO grows beyond a “critical thickness”
threshold [22]: very large out-of-plane tensile stresses at roughness
peaks [21] indeed favour mechanism (i). Horizontal cracks, therefore,
become longer [18] and join into a large delamination crack going
from one roughness peak to the other along the YSZ layer [22].
The references cited above show that these mechanisms have been
investigated in detail through structural and microstructural analyses
and finite element simulations; however, little or no information is
available on how the micromechanical properties of the constituents
(notably, the YSZ top coat and the TGO) change during such transforma-
tions. Knowledge of the micromechanical characteristics of the constit-
uents could help to shed further light onto the observed mechanisms,
justifying for instance why a thicker TGO becomes particularly prone
to cracking, or showing whether the intrinsic properties of YSZ change
as a function of possible structural evolutions at high temperature.
Such study has beenhindered, up to now, by the considerable exper-
imental difficulty to probe the characteristics of such small volumes of a
highly heterogeneous material; however, some recently introduced
techniques can offer novel opportunities in this sense: high-speed
nanoindentation and pillar-splitting techniques.
High-speed (or high-throughput) nanoindentation represents an in-
novative approach for the nanomechanical characterization of single
and multi-phase materials [23–25]. The method is based on the same
principles of the standard instrumented nanoindentation and the
Oliver-Pharr analysis [26,27], but, thanks to specific improvements in
the measurement hardware, electronics, and data management, it al-
lows to realize a very large number of tests in a very short time (from
1 to 5 s for a complete load-unload sequence). The final output of a
high-speed test is therefore represented by a very wide matrix of data
points (hardness and indentationmodulus), thus enabling robust statis-
tical analysis using standard cumulative deconvolution techniques. One
of its most significant applications is to map the mechanical properties
of heterogeneous materials [28,29], which is particularly useful for the
characterization of TBC systems.
Pillar splitting is a simple method that relies on the sharp nanoin-
dentation of micro-pillars milled in the material through a focused ion
beam (FIB). Fracture toughness is easily calculated through eq. (1) by
only measuring the indentation load needed to split the pillar, the pillar
radius and hardness/modulus ratio of the material [30,31]:
Kc ¼ γ Pc
R3=2
ð1Þ
where Kc is the fracture toughness (MPa·m1/2), Pc is the critical load for
pillar splitting (mN), R is the pillar radius (μm) and γ is a dimensionless
coefficient, calculated by Finite Element Modelling (FEM) for a wide
range of material properties and indenter geometries in recent papers
[31,32]. It is worth noting that the γ coefficient contains the influences
of elastic and plastic properties and is consequently material-specific.
The expression was originally developed for a Berkovich indenter with
3G. Bolelli et al. / Materials and Design 166 (2019) 107615a fixed Poisson's ratio of 0.25; however, the applicability of the tech-
nique has been further extended to accommodate different indenter ge-
ometries with angles ranging from 35.30 (cube-corner) to 65.30
(Berkovich) [32].
A significant advantage of this approach is that the measurement of
crack length is not required, and there is no effect of residual stresses,
which are released as the pillar is separated by the surroundingmaterial
during the FIBmilling process [33]. Furthermore, there is reduced effect
of FIB damage on fracture toughnessmeasurement, in comparison with
othermicro-scalemethods [34], as the crack initiation and growth occur
entirely from the core of the pillar which is least affected by the FIB pro-
cess [34]. The applicability of the method has been demonstrated for a
wide range of materials; such as bulk silicon [30], thin ceramic films
(TiN, CrN) [30,35], composite coatings (CrAlN/Si3N4) [31] and heteroge-
neous ceramic materials like LixMn2O4 battery cathode [36,37].
Focusing on themost critical elements of the TBC system, i.e. the YSZ
top coat and the TGO layer, the purpose of this paper is therefore to de-
scribe the evolution of theirmicromechanical properties during thermal
cycling fatigue (TCF), tested under service-relevant conditions. Hard-
ness and elastic modulus of the YSZ top coat, mapped through high-
speed nanoindentation, and fracture toughness of both the top coat
and the TGO, obtained through the pillar-splitting technique, are mea-
sured and their trends are discussed in the light of the microstructural
evolution and damage progression in the TBC system.
2. Experimental methods
2.1. Coating manufacturing and thermal cycling tests
TBC samples consist of a NiCoCrAlY bond coat (Co 23%, Cr 17%, Al
12.5%, Y 0.45%, Ni bal., values in wt%) deposited by High Velocity
Oxygen-Fuel (HVOF) spraying and an atmospheric plasma-sprayed
93 wt% ZrO2 + 7 wt% Y2O3 (YSZ) top coat. Coatings were deposited
onto Hastelloy-X disks of 25.4 mm diameter × 3mm thickness at an in-
dustrial manufacturing facility. Two different sets of standard plasma
spraying conditions, normally employed to coat diverse components
of land-based industrial gas turbines (IGTs), were employed in order
to deposit a high-porosity and a low-porosity top coat, which can be
considered as representative of the current state of the art. Following
conventional procedures, all samples were subjected to a vacuum heat
treatment at 1100 °C for 1 h, in order to harden the superalloy substrate,
promote metallurgical bonding with the NiCoCrAlY layer, and precipi-
tate the β-NiAl phase within the latter.
Multiple samples were subjected to a thermal cycling test designed
to mimic the actual TCF conditions experienced by IGT components.
Tests were carried out using a lift furnace and involved rapid (N150
°C/min) heating to 1100 °C, 50 min isothermal holding, and air jet
cooling for 10 min, down to 150 °C, after which, a new heating cycle
began. Each sample was extracted after a different numbers of cycles
(50, 138, 211, 305, 358, 405, 472, 500, 546, 634, 659, 714) in order to
check the evolution of the properties.
2.2. Structural and microstructural characterization
The phase composition of all samples, both in as-deposited condi-
tions and after the various TCF test cycles, was assessed by X-ray diffrac-
tion (XRD: X'Pert PRO diffractometer, PANAlytical, Almelo, NL), using
Ni-filtered Cu-Kα radiation generated from a conventional tube oper-
ated at 40mA filament current and 40 kV acceleration voltage. Patterns
were acquired over the 26° b 2θ b 80° range with a step size of 0.017°
and 134 s/step counting time, using a 1D array of solid-state detectors
(X'Celerator, PANAlytical).
Using the HighScorePlus software (PANAlytical), patterns were
fitted with pseudo-Voigt peak functions and polynomial background.
The volume fraction of the m phase (Vm) was obtained from the ratioXm between the integrated intensities of the ð111Þ and (111) peaks of
them phase itself, occurring at 2θ≈ 28.2° and 2θ≈ 31.5° (respectively),
and of the main (101) peak of the t′ phase at 2θ≈ 30.2°, according to
Eqs. (2) and (3) [6]:
Xm ¼
Im 111ð Þ þ Im 111ð Þ
Im 111ð Þ þ Im 111ð Þ þ It 101ð Þ
ð2Þ
Vm ¼ P∙Xm1þ P−1ð ÞXm ð3Þ
where P≈ 1.3 is an experimentally determined correction coefficient [6].
The tetragonality of the t′ phase, defined as c=ð
ffiffiffi
2
p
aÞ where c and a
are the parameters of the tetragonal lattice, was obtained from thefitted
positions of the (004) and (220) peaks, located around 2θ≈ 74° [38].
Phase composition on the sample surfaces was further investigated
by micro-Raman spectroscopy (LabRam spectrometer, Horiba Jobin-
Yvon, Longjumeau, FR), using a 632.81 nm-wavelength (“red”) laser fo-
cused through a 100× objective. Five spectra were acquired at random
locations onto each as-deposited and thermally cycled sample.
The microstructure of the samples was characterized using a field
emission gun-scanning electronmicroscope (FEG-SEM: Nova NanoSEM
450, FEI, Eindhoven, NL) equipped with an energy-dispersive X-ray
(EDX) detector for qualitative and semi-quantitative chemical analysis.
Samples were vacuum-mounted in room temperature-setting epoxy
resin to avoid pull-out damage, and subsequently cut using a semi-
automatic metallographic saw, ground and polished with SiC abrasive
papers (down to P2500 size), 3 μm polycrystalline diamond slurry and
colloidal silica suspension. Polished sampleswere ultrasonically cleaned
in acetone before observation.
The thickness of the TGO scale developed on top of the bond coat in
the thermally cycled samples was measured by image analysis (ImageJ
software, NIH, Bethesda, MA, USA) using ten 4000× FEG-SEM micro-
graphs acquired in backscattered electrons (BSE) contrast mode.
Porosity of thermally cycled top coats was measured on polished
cross-sections by image analysis (Leica Application Suite software),
using three 100× optical micrographs each covering a field of view of
1.36 mm.
2.3. High-speed nanoindentation testing
High-speed nanoindentation was employed to measure the me-
chanical properties (hardness and elastic modulus) of YSZ top coats.
Samples were prepared by vacuum-mounting, cutting and grinding/
polishing as described above. Measurements were performed using
the iNano nanoindenter (KLA Tencor-Nanomechanics, Oak Ridge, TN,
USA), equipped with a standard Berkovich tip, employing the innova-
tive “NanoBlitz3D” procedure. Five matrixes of 25 × 25 indentations
were realized over a 50 × 50 μm2 area on each sample, obtaining a
total of 3125 indentations for each specimen. Tests are performed
with a prescribed load of 3mN (selected after thefirst campaign of stan-
dard nanoindentations to evaluate the mean depth obtained with this
load and the consequent spacing between two contiguous measure-
ments). For these experiments, the full load-unload cycle is completed
in about 1 s. The Poisson's ratio of YSZ and the TGO material were as-
sumed to be 0.25, according to literature [39].
Statistical deconvolution is then adopted to evaluate the properties
of the different mechanical phases in the material. The cumulative dis-
tribution of each indentation hardness and elastic modulus data set
was fitted with a Cumulative Distribution Function (CDF) defined as
the sum of several, individual Gaussian cumulative distributions. Each
distribution was assumed to represent a “mechanical phase”. The num-
ber of “mechanical phases” that are present in the material is initially
unknown and is determined by the deconvolution process after
automated iterative optimisation. Full details on the statistical
A B
C D
E F
G H
I J
Fig. 1. BSE-SEM overviews of low-porosity (A,C,E,G,I) and high-porosity (B,D,F,H,J) TBC samples, in as-deposited condition (A,B) and after 211 (C,D), 500 (E,F), 634 (G,H) and 714 (I,J) TCF
cycles. Circles and arrows indicate transverse and delamination cracks, respectively.
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worth noting that some of the mechanical phases could correspond to
indentations falling at the interface between two adjacent,
microstructurally distinct regions; hence, not all the “mechanical
phases”might be significant, as discussed later in the text.
2.4. Micro-pillar splitting tests
Pillars were milled in both the YSZ top coat and the TGO using a fo-
cused ion beam in a dual-beam system, equippedwith both an SEM col-
umn and a FIB column emitting a focused beam of Ga+ ions (Helios
Nanolab 600, FEI). Adopting a procedure that is well described in the
earlier papers where pillar splitting was first introduced [30,31], pillars
were coarsely milled at 0.92 nA current and finely milled at 48 pA, in
order to minimise FIB artefacts. The ion beam voltage was 30 kV. The
strategy for FIB milling consisted of a single outer-to-inner pass of the
ion beam to create the pillar. Thementioned studies have demonstrated
that this is the optimal procedure for minimising FIB artefacts and
obtaining a perfectly straight pillar.
Pillar diameters of 4.5 μm and 3.5 μmwere selected for the YSZ top
coat (where pillars are milled inside splats) and the TGO, respectively.
This ensures high spatial resolution and reduced FIB-induced damage
effects at the same time. At least 5 pillars were milled to an aspect
ratio (h/d) of 1.2, where h is the pillar height and d is the top diameter
of the pillar. This ratio provides complete residual stress relaxation on
the top surface of the pillar [32]. When testing the TGO layer, milling
was only performed on areas wide enough to accommodate the entire
pillar volume.
Nanoindentations on the pillars were performed using a Berkovich
tip on a Keysight G200 nanoindenter. A constant strain rate of
0.05 s−1 along with an indentation depth of 400 nm was selected for
all tests. To further enhance the reliability of the tests, instrument
frame stiffness and indenter area function were calibrated before and
after testing on a certified fused silica sample. As reported in previous
papers, the splitting load can be identified by clear and unique pop-in
events in the load-displacement curve [30,31].
Finally, fracture toughness was determined using Eq. (1) as laid out
in the Introduction. The gamma coefficients for both YZS and TGOmate-
rials were determined based on the elastic moduli and hardness values,
as measured by nanoindentation on the same materials.
3. Results
3.1. Structure and microstructure evolution after TCF testing
The microstructural difference between the LP and HP coatings is
seen from their respective overview micrographs in Fig. 1A, B. TCFFig. 2. Evolution of top coat porosity as a funtests cause visible sintering of the YSZ top coats, with an overall reduc-
tion of porosity in both cases (Fig. 2), although the respective micro-
structures remain considerably different (Fig. 1C, D). A thin TGO layer,
recognizable through its dark grey contrast, is formed on top of the
brighter bond coat in the early stages of the test. After≈500 thermal cy-
cles, sintering of the top coat has proceeded further, resulting not only in
a slight, additional reduction of porosity (Fig. 2), but,most of all, in qual-
itative changes to pore shape (Fig. 1E, F). Small delamination cracks (see
arrows) have also developed near the YSZ/TGO interface, propagating
from roughness crests or nearby off-peak positions, as widely described
in the literature and summarized in the Introduction. For increasingly
large numbers of cycles, thermal shocking of a progressively sintered
YSZ layer results in the formation of transverse cracks (Fig. 1G, H – cir-
cles). As a result, the overall porosity increases slightly (Fig. 2). Delami-
nation cracks (arrows) become longer and propagate both in the TGO
(especially on asperity peaks) and in the YSZ, including cracks located
above the roughness crests as well, in excellent accordance with the
known evolution of TCF failure of plasma-sprayed TBCs as described
e.g. in [4,17,40].
For N700 cycles (Fig. 1I, J), most of the interface region is eventually
cracked. At this stage, the residual life of the TBC is minimal.
The progression of TCF degradation (sintering; delamination and
transverse cracking) in the YSZ top coat is accompanied by microstruc-
tural transformations in both the bond coat, the top coat, and the TGO,
as illustrated separately in the forthcoming Sections 3.1.1–3.1.3.
3.1.1. Microstructural evolution in the bond coat
The bond coat initially consists of a two-phase microstructure: a β-
NiAl phase (characterized by its darker greyscale contrast) is
surrounded by a (brighter) γ-Ni alloy matrix (Fig. 3A, B). This is the
standard microstructure expected of an MCrAlY alloy after a vacuum
heat-treatment [1,41], which restores the thermodynamic equilibrium
structure eliminating the possible effects of plastic deformation and
melt quenching during HVOF deposition. In addition, tiny oxide inclu-
sions (with black contrast in the BSE micrographs of Fig. 3B) appear to
follow the original interparticle boundaries of the as-sprayed coating.
This microstructure evolves through a progressive depletion of the
β-NiAl phase (Fig. 3), occurring byAl diffusion both upwards, to support
the progressive growth of the TGO [41–43], and downwards, towards
the Al-poor superalloy substrate [44–46].
After increasingly large numbers of thermal cycles (Fig. 3C–E), theβ-
NiAl phase is confined to an ever thinner central region (see arrows).
Most of the bond coating is depleted of β-NiAl after 634 cycles
(Fig. 3E, F), and the surviving β-NiAl phase displays morphological
changes, better seen in themagnified view of Fig. 4. Diffusion processes
indeed alter the composition of β-NiAl, resulting in a slight excess of Ni
which is also known to cause the formation of lamellae of tetragonalction of the number of thermal cycles.
A B
C D
E F
Fig. 3. BSE-SEMmicrographs of the bond coat in as-deposited condition (A: overview, B: detail), after 405 (C), 500 (D) and 634 (E: overview, F: detail) TCF cycles. Arrows indicate the
residual β-NiAl containing area.
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enough to be seen through electron channelling contrast in BSE-SEM
micrographs (Fig. 4: label 1). At the same time, the surrounding γ-Ni
matrix develops large twins (label 2). Almost no β-phase remains
after 714 cycles.Fig. 4.Magnified BSE-SEM detail of the bond coat after 634 TCF cycles. Label 1 = lamellar
martensite in a β-NiAl grain; label 2 = twins in the γ-Ni matrix.3.1.2. Evolution of the TGO
At the early stages of the TCF test, cyclic exposure of the bond coat to
high temperatures results in a thin, dense and compact TGO layer
(Fig. 5A), mostly consisting of aluminawith tiny yttrium-rich inclusions
(Fig. 6A, B) [41].
After ≈400 cycles, the TGO still presents limited thickness and
little damage (Fig. 5B), except for prominent roughness crests,
where the TGO is somewhat thicker and microcracked (Fig. 5C).
After 500 cycles, the thickness has increased slightly more, and, at
this point, substantial crack formation starts even on relatively
smooth regions (Fig. 5D, E). Moreover, other, more defective oxides
appear, sometimes forming remarkably large protrusions as seen in
Fig. 5E.
EDX spectra reveal high concentrations of Ni and Co (Fig. 6C, D). It
should be reminded that, since a low e-beam acceleration voltage of
8 kV was employed, small amounts of Cr within these protrusions
may have gone undetected as the intensity of the Cr-K lines would be
too low under these conditions, while the oxygen signal overlaps the
Cr-L lines.
Upon further cycling, the TGO thickness starts increasingmuchmore
rapidly (Fig. 7A): after≈650 cycles (Fig. 5F), for instance, the TGO has
become considerably thicker and contains evenmore numerous cracks,
which extend to the YSZ layer corresponding to the larger delamination
cracks noted in Fig. 1.
A B
C D
E F
Fig. 5. BSE-SEM micrographs of the TGO layer (marked by arrows) developed onto the bond coat after 138 (A), 405 (B,C), 500 (D,E) and 659 (F) TCF cycles. (Ni,Co)-based oxides are
encircled in panel E.
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Through the electron channelling contrast in BSE micrographs, the
crystal grain morphology in both the high- and low-porosity YSZ top
coats can be identified as consisting primarily of equiaxed grains
(Fig. 8A: label 1), whose size ranges from sub-micrometric to several
micrometres. In addition, some areas with fine columnar grains appear
(Fig. 8A: label 2).
Based on their elongated morphology, the latter areas presumably
originated from fully molten YSZ particles, which were flattened and
impact-quenched onto the underlying surface. Heterogeneous nucle-
ation at the interface and directional solidification during rapid cooling
indeed result in a columnar grain structure [52]. Most of the particles
making up these porous YSZ coatings were, however, either partially
unmelted, thus retaining the original structure of the feedstock powder,
or partially re-solidified before impact, which usually results in homo-
geneous nucleation within the melt during the flight stage. Both occur-
rences cause the formation of large, poorly-flattened areas with
equiaxed grains of various sizes.
This grainmorphology is retained throughmost of the TCF test dura-
tion (Fig. 8B, C), in spite of themacroscopically visible sintering noted in
Fig. 1 and Fig. 2. Some microstructural alterations, however, appear at
later stages of the test, i.e. after≈550 cycles. On the one hand, columnar
grains tend to be re-structured into fine equiaxed grains (Fig. 8D–F:label 3; also compare the magnified views of Fig. 9B and D). On the
other hand, very fine, widespread closed porosity appears within the
pristine equiaxed-grain areas (Fig. 8D–F). The latter phenomenon is
better seen in the details of Fig. 9: compared to the as-deposited coat-
ings (Fig. 9A, B), after many thermal cycles the microcracks are partly
healed and turn into closed pores (Fig. 9D: circles). Those pores can be-
come particularly numerous and concentrate in the boundaries be-
tween equiaxed grains (Fig. 9C: circle).
In any case, the YSZ top coats seem not to undergo significant struc-
tural evolution during the present TCF test. XRD patterns (Fig. 10) show
that they consist almost exclusively of the t′ phase, with no detectable
amount of cubic phase. The amount of monoclinic phase is small
(≈2–3%: see Table I) and does not increase during thermal cycling.
Detailed views of the (220) and (004) diffraction peaks of the t′
phase highlight a slight increase in tetragonality after the first few cy-
cles, with no subsequent evolution up to the end of the test. The calcu-
lated c=ð
ffiffiffi
2
p
aÞ ratio (Table I) confirms this qualitative observation; it is
also noted that the stable tetragonality value of 1.011 is consistent
with that of the t′ phase as listed in the literature [6,53].
Raman spectra acquired onto the coatings also contain exclusively
peaks belonging to the tetragonal phase (Fig. 11), with an evolution (re-
duction in peak breadth) after the first 50 TCF cycles and no subsequent
change for longer testing times (Fig. 11).
Fig. 7. Evolution of (A) thickness (measured by image analysis) and (B) fracture toughness (by pillar-splitting, Section 3.3.2) of the TGO as a function of the number of TCF test cycles.
A B
C D
Fig. 6. BSE-SEMmicrographs of the TGO layer developed after 500 TCF cycles (A,C) and corresponding EDX spectra acquired at an acceleration voltage of 8 kV (B,D): TGO region consisting
of aluminium oxide with yttrium-rich inclusions (A,B) and TGO region with overgrowth of (Ni,Co)-rich oxide protrusions (C,D).
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Fig. 8. BSE-SEMmicrographs showingmagnified views of the cross-section of the low-porosity YSZ coating in as-deposited condition (A) and after 138 (B), 472 (C), 546 (D), 659 (E) and
714 (F) TCF cycles. Label 1 = equiaxed grains area; label 2 = columnar grains area; label 3 = recrystallized columnar grains.
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Data distribution plotted in Fig. 12 as hardness vs indentation num-
ber (#) shows a mean HIT value of about 15 GPa, but a large number of
indentations also returned lower hardness values; hence, data
deconvolution, carried out as described in Section 2.3, allowed deeper
insight.
In all cases, the best fit could be achieved with three distinct hard-
ness and modulus distributions (often referred to as “mechanical
phases”, Fig. 13). The first one, related to the lowest values of hardness
and elasticmodulus, can be ascribed to indentations falling next to or in-
side the resin-filled porosity; hence, this distributionwill not be consid-
ered further, as it is not representative of the YSZ material.
SEM observations of the nanoindentation matrixes on the YSZ top
coat, such as is presented in Fig. 14, reveal indentations falling on both
columnar and equiaxed grains, in addition to some falling in or very
close to the resin-filled pores (resulting in the non-significant datamak-
ing up the first distribution). It is therefore inferred that the second and
third mechanical phases can be respectively ascribed to indentations
performed on columnar grain regions and equiaxed grain regions of
the YSZ top coating. The secondmechanical phase accordingly contains
a smaller number of data points than does the third, which is consistent
with the presence of fewer columnar grain areas within a predomi-
nantly equiaxed-grain matrix as observed in Section 3.1.3. Thisdistribution also corresponds to somewhat lower average hardness
(HIT ≈ 17 GPa) and elastic modulus (EIT ≈ 220 GPa), as compared to
the third mechanical phase (HIT≈ 20 GPa and EIT≈ 245 GPa).
In a previous study, indentation hardness and elastic modulus of
plasma-sprayed YSZ coatings were assessed by nanoindentation tests
using a prescribed load of 8 mN [54]. The indentation hardness
(≈9.9 GPa) and elastic modulus (≈155 GPa) reported in that study
are lower than the values obtained in this work for both the columnar
and equiaxed grain regions. The prescribed load used here (3 mN) in-
deed allows probing even smaller volumes, thus reducing the influence
from microstructural features such as voids and defects. On the other
hand, the chosen load is sufficiently high as to avoid the reverse inden-
tation size effect observed in plasma-sprayed YSZ below 1 mN [55].
The average hardness and modulus values of both the second and
the third mechanical phases (Fig. 15) show a clear reduction after
≈600 TCF cycles (marked by a dashed line on the graphs), in both
high- and low-porosity coatings.
3.3. Micro-pillar splitting
3.3.1. Fracture toughness of the YSZ top coat
Fig. 16 highlights some representative load-displacement curves of
pillars realized within YSZ splats in the top coat. The critical load for pil-
lar splitting can be seen from the displacement burst in the load-
A B
C D
Fig. 9.Comparison between BSE-SEMmicrographs of as-deposited and thermally cycledYSZ coatings: low-porosity coating, as deposited (A); high-porosity coating, as-deposited (B); low-
porosity coating after 714 cycles (C); high-porosity coating after 659 cycles (D). Circles in panels C, D indicate partially healed microcracks and distributed fine porosity.
10 G. Bolelli et al. / Materials and Design 166 (2019) 107615displacement curve. After performing a statistically relevant number of
experiments, it was observed that splitting load values tend to group at
two distinct levels, corresponding to different fracture toughness values
according to Eq. (1).
This behaviour could be associated with the different microstruc-
tural featureswithin the YSZ coating, as already demonstrated by nano-
indentation tests in Section 3.2. This interpretation is validated by
associating individual toughness values to the correspondingpillars, im-
aged by SEM before (Fig. 17) and after splitting (Fig. 18). It is clearly
noted that distinct pillars belonging to the same splat produce compara-
ble values of fracture toughness after splitting, consistent with the fact
that homogeneous microstructural features are normally encountered
within one splat. Remarkably, pillarswithin themostflattened splat vis-
ible in Fig. 17A (which, in accordance with Section 3.1.3, probably con-
sists of columnar grains) return the lowest values.
Looking at some split pillars (Fig. 18), it is noted that those located
within a single, large equiaxed grain (Fig. 18) are associated to higher
toughness values than are the pillars made in fine-grained areas
(Fig. 18B).
It is worth noting that calculation of fracture toughness on single
crystal grains might not be an optimal condition, because of the associ-
ated uncertainty of crystal orientation and the consequent error in the
choice of the elastic constant for the single grain. The calibration of the
γ coefficient appearing in Eq. (1) is indeed based on the E/H ratio of
the tested material [32]. Without knowing the specific orientation, the
homogeneous elastic modulus and hardness values obtained from the
nanoindentation experiments were therefore chosen. The resulting E/
H value can anyway be considered as a reliable average of the mechan-
ical properties of the samples. In addition, the E/H ratio is surely less
sensitive to crystal orientation than is the sole elastic modulus E.
Based on the above considerations, the toughness values of the YSZ
top coat are divided and averaged into two distinct groups, hereafter la-
belled as “region 1” and “region 2”, which are respectively assumed to
be representative of coarse- and fine-grained regions (including colum-
nar regions). For both coarse-grained “region 1” and fine-grained “re-
gion-2”, a trend can be observed with respect to the number of
thermal cycles (Fig. 19): irrespective of the porosity of the top coat,higher fracture toughness was observed in the as-deposited condition,
which decreases and subsequently stabilizes during cycling. In some
cases, the decrease is sharper (region 1 in the low-porosity coating),
while in others it is minimal (region 2 in the high-porosity coating).
3.3.2. Fracture toughness of the thermally grown oxide (TGO)
The fracture toughness values of the TGO in sampleswith both high-
and low-porosity top coats exhibit similar trends as a function of the
number of thermal cycles (Fig. 7B). Note that data points begin at
≈200 cycles because the TGO developed in the earliest stages is too
thin to host a FIB-machined pillar. Fracture toughness increases up to
≈400 thermal cycles,where amaximum is observed.With further ther-
mal cycling, fracture toughness decreases, and significantly lower
values are observed especially after≈650 cycles, roughly corresponding
to the rapid increase in thickness described in Section 3.1.2 (compare to
Fig. 7A).
4. Discussion
Ageing of both high- and low-porosity TBCs during the present TCF
tests is the result of processes acting simultaneously in the top coat,
the bond coat and the TGO.
In the top coat, no detectable phase change occurs during the entire
test duration. According to the ageing severity map plotted in [16], in-
deed, plasma-sprayed YSZ can survive well above 1000 h at 1100 °C
without developing N1% monoclinic phase. The small amount of mono-
clinic phase present in the coatings is probably due to compositional in-
homogeneity of the feedstock powder, i.e. few powder particles might
have contained a lower amount of yttria and/or some de-stabilizing
impurities.
However, some changes in both the XRD patterns (reflecting a very
slight increase in tetragonality: Table I) and Raman spectra were noted
in Section 3.1.3. Itwas argued in [53] that Raman spectra are particularly
sensitive to the anion lattice (i.e. to the oxygen atoms lattice); hence, the
evolution of the Raman spectra after thefirst 50 cycles could be ascribed
to a re-ordering and reduction of defects in the O2– lattice. Some oxygen
vacancies are due to the substitution of Zr4+ ions by lower-valence Y3+
Table I
Tetragonality of the t′ phase and content of monoclinic phase obtained by XRD pattern
fitting.
N° of cycles Type (HP/LP) m-phase (vol%) Tetragonality c=ð
ffiffiffi
2
p
aÞ
0 HP 1.7 1.010
LP 2.8 1.009
50 HP 3.9 1.011
LP 2.7 1.011
138 HP 3.5 1.011
LP 2.0 1.011
211 HP 3.0 1.011
LP 2.7 1.011
305 HP 3.4 1.011
LP 2.9 1.011
358 HP 2.6 1.011
LP 3.1 1.011
405 HP 3.1 1.011
LP 3.7 1.011
472 HP 3.3 1.011
LP 3.3 1.011
500 HP 3.1 1.011
LP 3.5 1.011
546 HP 2.8 1.011
LP 2.1 1.011
634 HP 2.4 1.011
LP 3.1 1.011
659 HP 2.4 1.011
LP 1.7 1.011
714 HP 2.6 1.011
LP 2.7 1.011
A
B
(101)
(002)
(110) (112)
(004) (220)
(103)
(211)
(200)
(102)
(202)
Fig. 10. XRD patterns of the low-porosity (A) and high-porosity (B) YSZ coatings in as-
deposited condition and after TCF testing. All peaks are indexed to the t′-ZrO2 lattice
according to JCPDF 48-224. Insets show details of the (004) and (220) peaks around 2θ
= 74°.
Fig. 11. Evolution of themicro-Raman spectra of the high-porosity YSZ samples during the
TCF test.
11G. Bolelli et al. / Materials and Design 166 (2019) 107615ions in YSZ [4], but additional loss of oxygen probably occurred during
the deposition process, as previously described in [56,57]. Heat treating
in the vacuum does not eliminate O2– vacancies. In accordance with
[57], it is therefore assumed that those excess vacancies were at least
partly recovered during high-temperature holding in the early stagesFig. 12. Indentation hardness (HIT) results from the five 25 × 25 high-speed
nanoindentation maps on a low-porosity top coating after 714 thermal cycles. Colours
differentiate data from each of the 25 × 25 maps.
Fig. 13. Statistical deconvolution of indentation hardness (HIT) results from the five 25
× 25 high-speed nanoindentation maps on the high-porosity YSZ top coating after 138
TCF cycles. Mechanical phase 1 = indentation on or next to the resin-filled voids;
Mechanical phase 2 = indentations on columnar grain regions; Mechanical phase 3 =
indentations on equiaxed grain regions.
Fig. 14. BSE-SEM micrograph showing part of a nanoindentation matrix on the low-
porosity YSZ top coat after 358 TCF cycles.
Fig. 16. Load-displacement curves obtained during pillar splitting by a depth-sensing
Berkovich nanoindenter on a TBC coating, showing two different pillar splitting loads.
12 G. Bolelli et al. / Materials and Design 166 (2019) 107615of the TCF test, which explains the observed sharpening of the Raman
peaks. Oxygen uptake could have also brought about a very slight ex-
pansion of the lattice in the c direction, explaining the modest increase
in tetragonality.
It is found in the present work that such change, albeit small, is not
without consequences for the “intrinsic”mechanical properties of YSZ.
A slight but perceivable decrease in fracture toughness is noted in
both fine- and coarse-grained areas after the first 50 TCF cycles. The
ferroelastic mechanism which underlies the toughness of t′-YSZ [7] is
indeed critically dependent on its structure so that any re-
arrangement can affect it.Fig. 15. Evolution of indentation hardness andmodulus (mean value± standard deviation) for t
of the number of thermal cycles.Analysing the data in detail, the initial fracture toughness of coarse-
grained “region 2” before thermal cycling (KIC ≈ 3.5 MPa∙√m: Fig. 19)
corresponds to an energy release rate Γ= KIC2/[E/(1− ν2)]≈ 47 J/m2,
assuming that YSZ possesses an elastic modulus E ≈ 245 GPa
(Fig. 15A) and a Poisson's ratio ν= 0.25 (Section 2.3). This value is in
remarkably good agreement with the toughness of bulk t′-YSZ (Γ =
45 ± 5 J/m2 [7]). In case of testing over polycrystalline areas (“region
1” in Section 3.3.1), on the other hand, lower toughness results fromhe third (A) and second (B)mechanical phases in theHP and LP TBC samples, as a function
Fig. 17. SEMmicrographsof the cross-section of a YSZ coatingwithmilledmicro-pillars for fracture toughnessmeasurement: A – overview;B –detail of a pillar. Numbers next to eachpillar
represent the fracture toughness obtained by subsequent splitting (in MPa∙√m). Splat boundaries are highlighted in red.
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terestingly, a previous study found that having a fine grain size in a
plasma-sprayed YSZ coating is undesirable because it worsens the
long-term stability of the t′ phase [15]. In the presentwork, even though
the TCF test conditions were not severe enough to destabilize the t′
phase, it is additionally found that having a fine grain size is undesirable
also because it reduces fracture toughness.
It is possible that, in accordance with the literature summarized in
the Introduction, the initial changes to the structure and fracture tough-
ness are also due to re-arrangement of the original t′ phase into a
pseudo-t′ structure made of coherent yttria-rich and yttria-lean do-
mains [53,58]. However, as noted previously, the test temperatures
were not high enough to result in detectable loss of coherency for longer
exposure times.
As a result, TCF failure in the present TBC systems reflects almost ex-
clusively stress build-up due to TGO growth (Section 3.1.2) and top coat
sintering (Section 3.1 and 3.1.3), without any significant contribution
from phase transformation-related effects. This is representative of the
actual service of turbine parts, which are usually designed to operate
the TBC within “safe” conditions to achieve a long lifetime.
More specifically, it is found that with both low- and high-porosity
top coats, a TGO thickness threshold of approximately 5 μm exists
(Fig. 7A), which is in excellent accordance with a previous study [22].
Below that threshold, TGO thickness increases linearly, with the corre-
spondingly slow progress of delamination cracks. Above the threshold,
the TGO grows rapidly in thickness, up to a maximum of≈10 μm to-
wards the end of the test. Ref. [22] also reported near-zero residual life-
time of the TBC system when the TGO thickness was N9 μm.Fig. 18. SEMmicrographs showing details of pillars in coarse-grained (A) andfine-grained (B) re
as a result of splitting (in MPa∙√m).Pillar splitting tests further reveal that, if the TGO layer grows dense
and compact below the threshold, its fracture toughness even increases,
possibly aided by the toughening effect of the yttrium-rich inclusions.
As oxidation progresses, stresses within the TGO and at its interface
with the bond coat become ever larger, as revealed by a finite element
study [59]. Measurement of TGO stress was not carried out in this
work, since measuring stresses on a polished cross-section might lead
to unreliable results. The sectioning processwould indeed involve stress
relaxation that should be properly taken into account. Such an activity
goes beyond the scope of this work and, at the same time, literature pa-
pers (such as thepreviously cited one) have already examined the stress
evolution within the TGO. At the threshold thickness, stresses within
the TGO overcome its toughness. It must indeed be reminded that the
present toughness values are independent of residual stresses, which
are fully relievedwithin amachined pillar. Once significant crack forma-
tion begins, the loss in TGO compactness allows direct access of oxygen
to the MCrAlY surface. Increased oxidation rate results in faster growth
of the scale and simultaneously depletes the bond coat of its β-NiAl res-
ervoir. Most of the bond coating indeed becomes depleted of β-NiAl
soon after the threshold is exceeded (after 634 cycles – Section 3.1.2
and Fig. 3E, F) and theβ-NiAl phase itself is visibly altered in its structure
and morphology through the formation of lamellar martensite (Fig. 4).
Almost no surviving β-phase after 714 cycles confirms that the actual
lifetime of the TBC system has practically been exhausted at that
point. Aluminium diffusion becomes insufficient to sustain the growth
of a purely Al-based scale; therefore, other oxides are formed, which
are based on Ni, Co and, possibly, some Cr, as shown by the EDX spectra
in Fig. 6C, D (see Section 3.1.2). The phenomenon has been largelygions after splitting. Numbers next to eachpillar represent the fracture toughness obtained
Fig. 19. Fracture toughness values of regions 1 and 2, for both low- and high-porosity YSZ coatings, as a function of the number of TCF cycles–A:HP, region 1; B:HP, region 2; C: LP – region
1; D: LP – region 2.
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faster than alumina, additionally contributing to the rapid increase in
TGO thickness. Moreover, their presence within the TGO is probably
the reason why its fracture toughness, again measured from pillar split-
ting tests, decreases after the threshold and especially after ≈600
cycles.
It is therefore concluded that, in accordancewith [21,22], a change in
the mechanism of crack formation occurs at the critical thickness
threshold. Below the threshold, the maximum fracture toughness
values of the TGO (2.5–3.5 MPa∙√m after≈400 cycles, Fig. 7B) are com-
parable to or even higher than the corresponding toughness of YSZ
(Fig. 19); therefore, short cracks open preferentially in the YSZ layer
(which already contains numerous defects) rather than in the TGO, as
noted in Section 3.1. Above the threshold, cracks develop in the TGO
and continue to do so even though their formation relieves part of the
TGO stress [61]. TGO toughness, indeed, correspondingly decreases.
Since, as postulated in [59], the cracked TGO transfers stress to the
YSZ layer, the result is that cracks starting in the TGO connect to each
other by propagating across the top coat, merging into the long delam-
ination cracks noted in Section 3.1, consistent with [17].
Together with the above evolution of the TGO, the top coat un-
dergoes progressive sintering as described in Section 3.1.3. Although
this does not look like the primary cause of failure, it can accelerate
the progression of delamination cracks discussed above.
Much has been said on the macroscopic progression of sintering
(e.g.: [12,57,62–65]) and its negative effects on thermal fatigue life
[66,67]; hence, the present paper does not aim to analyse again those
known phenomena, which are here simply summarized, based on the
cited references. At the macro-scale, the overall elastic modulus of thetop coat increases as porosity is reduced due to sintering (as seen in
Fig. 2 as well), until the overly stiffened ceramic develops transverse
cracks during cooling. This was seen to occur after N600 cycles in the
present TCF tests (Section 3.1 and Fig. 1),which leads to a slight increase
in overall pore volume (Fig. 2). At that point, the macro-scale elastic
modulus starts decreasing. As long as the elasticmodulus keeps increas-
ing, the stress state in the vicinity of the TGO becomesmore severe and
contributes to the opening of the delamination cracks [61]. Transverse
cracks interfere with the stress state around the delamination cracks
themselves [66], thus contributing further to accelerated delamination
in spite of a reduction in macro-scale modulus.
However, the present analyses also revealed changes over a smaller
length scale. High-speed nanoindentation tests (Fig. 15) particularly
highlighted an apparent reduction of the average hardness and elastic
modulus values of both coarse-grained regions (the third “mechanical
phase” identified in Section 3.2) and fine-grained regions (the second
“mechanical phase”) after ≈600 TCF cycles, in both high- and low-
porosity coatings. This is most likely the manifestation of the small-
scale microstructural changes described in Section 3.1.3.
The hardness and elasticmodulus (HIT≈ 20 GPa and EIT≈ 245 GPa)
of the third “mechanical phase”, corresponding to coarse-grained
equiaxed regions (Section 3.2), initially match reasonably well with
the hardness and modulus of single-crystal YSZ averaged over different
orientations, as inferable from [68]. Their decrease corresponds to the
appearance of distributed, fine porosity in these equiaxed regions, as
shown in Fig. 9C, D. The micrographs clarify that such porosity results
from the interplay between thermal shock during forced cooling,
which continuously opens up new defects, and sintering at high-
temperature, which tends to close those defects. The literature [13]
15G. Bolelli et al. / Materials and Design 166 (2019) 107615also corroborates this interpretation. Those pores are so widely distrib-
uted (Fig. 9C) that they can affect the response of the probed material
even with a load as small as 3 mN.
The second “mechanical phase” corresponds to the columnar fine-
grained regions: their lower hardness and elastic modulus reflect the
poorer mechanical strength of the numerous grain boundaries, consis-
tent with the pillar splitting results discussed previously. The re-
arrangement of columnar grains into fine equiaxed ones
(Section 3.1.3, also compare Fig. 9B to Fig. 9D) causes the specific
grain boundary surface to increase even further, with a corresponding
decrease in mechanical properties.
It is therefore inferred that sintering and grain restructuring acceler-
ate the top coat failure not only because of the known alteration of the
“macroscopic” mechanical response but also because of weakening at
the micro-scale.
Those effects were not inferable from fracture toughness measure-
ments (Section 3.3.1). Since the responses of both columnar grains
and fine equiaxed grains enter the low-toughness “region 2” data
(both types of regions involving numerous, weak grain boundaries),
the effect of grain restructuring is probably not so clearly perceivable.
The effects of the fine intergranular porosity were also missed because
pores could not be included in pillars. Splitting load values measured
on pillars that include voids would have indeed been highly scattered
and, therefore, statistically unmanageable. It would have been too
time-consuming to perform enough pillar-splitting tests to allow for
the same type of deconvolution approach employed e.g. for high-
speed nanoindentation tests.
It should also be noted that actual service conditions might be more
complex than they are in a thermal cycling fatigue test: tensile stresses
acting on rotating parts (blades), in particular, can interfere with top
coat sintering and delamination cracking. On the one hand, sintering is
somewhat hindered or, at least, delayed by tensile stresses [69]. This is es-
pecially true for macro-scale cracks and pores [70,71], whereas short-
range sintering phenomena such as the closure of microcracks, that
mainly depend on surface diffusion, are rather independent of the applied
stress [70,71]. Stiffening can therefore occur in spite of such hindrance
[70].Moreover, since short-range sintering is probably themain factor be-
hind the observed formation of distributed fine porosity, the above con-
siderations on its role in favouring delamination crack progression are
relevant to actual service conditions. On the other hand, creep of the su-
peralloy substrate under tensile loading worsens the stress state in the
YSZ/TGO interface region [72], so that cracks can propagate even during
the high-temperature stage and not only during the rapid cooling stages.
This might accelerate damage progression, but it does not affect the fun-
damental damage mechanisms described in this section.
The present results therefore have numerous, practical implications
from an engineering point of view. The availability of accurate data on
themechanical properties of TBC constituents as a function of the num-
ber of thermal cycles (including the “intrinsic” elastic modulus of the
top coat and the toughness of both the top and bond coat) can improve
the accuracy of finite element simulations of stress accumulation and
damage progression in these systems (e.g. [59,73,74]). Through these
simulations, microstructural features such as bond coat roughness or
top coat porosity can be designed in order to delay crack growth
under various service conditions.
The development of bond coat compositions forming a tougher TGO
layer can also be facilitated by the novel availability of a method for di-
rectly measuring such toughness. Modifications to standard MCrAlY
compositions have been investigated for a long time. Reactive elements
(such as Hf) have been introduced to contribute further toughening
“pegs” within the alumina-based scale, in addition to those developed
by yttrium itself as seen in Fig. 6A, B and in Section 3.1.2 [75]. Alterna-
tively, noble metals such as Re can (among other effects) form tiny
metal inclusions within the TGO, again resulting in a toughening effect
[75,76]. Up until now, however, actual improvements to TGO toughness
could not be quantified but only inferred indirectly from the results ofTCF tests. Likewise, much research is ongoing to develop new top coat
materials and deposition methods exhibiting either improved tough-
ness, better high temperature stability, or lower thermal conductivity
[77,78]. The present observation of previously undocumented phenom-
ena, such as the loss of YSZ toughness upon immediate exposure to
thermal cycling conditions or its further mechanical impairment due
to distributed porosity in later TCF stages, can give new direction to
such development.
5. Conclusions
The presentwork provided new insight into the progression of ther-
mal cycling damage in thermal barrier coating (TBC) systems, through a
characterization of the nano-mechanical properties of plasma-sprayed
YSZ top coats and of the underlying thermally grown oxide (TGO)
layers. Damage evolution was also observed by scanning electron
microscopy.
The following conclusions can be drawn:
1) The existence of a critical TGO thickness of≈5 μm, as postulated by
previous research, is confirmed experimentally, and correlated to a
measurable trend of micro-scale fracture toughness.
Until this threshold, the TGO is solely based on aluminium oxide
with yttrium-rich inclusions. It grows slowly and generally remains
dense and compact (except for some prominent asperities), as its
fracture toughness grows up to maxima of 2.5–3.5 MPa∙√m.
2) The as-deposited YSZ top coat consists almost exclusively of the
non-transformable tetragonal phase (t′), arranged in both coarse
equiaxed grains (mostly within unmelted or re-solidified particles)
and fine columnar grains (within impact-quenched, molten lamel-
lae). The hardness (HIT ≈ 20 GPa), elastic modulus (EIT
≈ 245 GPa) and fracture toughness (KIC ≈ 3.5 MPa∙√m) of coarse-
grained regions correspond to the properties of bulk t′-YSZ, whilst
fine-grained regions possess somewhat lower mechanical proper-
ties, probably because grain boundaries are a source of weakness.
In the early stages of the thermal cycling fatigue (TCF) test, some re-
organization of the defect structure within the t′ lattice (probably
due to oxygen uptake from the atmosphere) is accompanied by a
slight reduction in the fracture toughness of both coarse- and fine-
grained regions. As a result, short delamination cracks form within
the YSZ top coat, because its fracture toughness (KIC ≤ 2.5 MPa∙√m)
becomes comparable to or even slightly lower than that of the
dense TGO. In any case, delamination damage in this short-crack re-
gime progresses slowly.
3) After a sufficient number of cycles, the TGO reaches the critical thick-
ness threshold and starts cracking severely, probably because it has
accumulated excessively high stresses. The growth rate of the dam-
aged TGO increases remarkably, accelerating the depletion of the β-
NiAl phase in the underlying bond coat. Consequently, (Ni, Co)-
based oxides appear, which cause a decrease in the fracture tough-
ness of the TGO below 2.5 MPa∙√m.
Decreased TGO toughness means that cracks continue to propagate
even after stresses have been partly relieved. The progression of de-
lamination damage, therefore, accelerates remarkably and the TGO
becomes its main source.
4) Towards the end of the TCF test, damage initiated in the TGO readily
propagates across the YSZ layer and develops into long delamination
cracks, because the mechanical strength of YSZ is impaired, as testi-
fied by the reduction in hardness and elastic modulus.
Fine columnar grains in the YSZ layer are indeed re-arranged into
even finer equiaxed grains, and abundant intergranular porosity is
developed through the interplay of the crack opening (by thermal
shock) and crack healing (by sintering). Both intergranular pores
and grain boundaries are sources of weakness. No effect on micro-
scale fracture toughness is noted, probably because toughness was
always measured in pore-free regions.
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